The effect of chemical composition and ferritic hot rolling on the formation of texture in the hot rolled and coiled, cold rolled, and cold rolled and annealed ultra-low carbon steels was studied. One of the experimental steels was fully stabilized with respect to carbon, whereas two others were expected to have some carbon in solution under equilibrium conditions. The steels were processed to yield mainly gamma fiber texture intensities in the austenitically hot rolled condition. Three different thermomechanical treatments were applied, including rolling in the ferrite temperature region. After hot rolling and coiling, the steels were cold rolled and annealed. The crystallographic orientations for each condition were presented in the form of socalled skeleton plots along the RD-, TD-and ND-fibers. It was found that the resulting texture in the hot rolled and coiled as well as in the cold rolled and annealed steels was dependent on the degree of recrystallization of the ferritic substructure. A well-advanced state of recrystallization eliminated the detrimental rotated cube component, leaving behind texture with a complete gamma fiber. The average strain ratio, measured for the cold rolled and annealed steels, increased with advancing state of recrystallization and increasing intensity of the {111} ͗110͘ texture component. It was also found that adding 100 ppm of Nb to the Ti alloyed ULC steel increased the average strain ratio by 15 % at a given {111} ͗110͘ texture intensity.
Introduction
It is well established that the presence of favorable texture components in ultra-low carbon (ULC) steels is responsible for their excellent deep drawability. The development of texture during various treatments including hot deformation, austenite to ferrite transformation, and cold rolling and annealing has therefore received substantial amount of attention. The transformation texture in microalloyed IF steels has been extensively investigated. [1] [2] [3] [4] [5] [6] [7] According to these studies the resultant texture of the ferrite depends basically on the deformation temperature, i.e. whether the austenite is recrystallized or unrecrystallized before phase transformation. When the rolling is carried out at such a high temperature that the austenite will recrystallize before phase transformation, the austenite typically develops the cube orientation, {100}͗001͘, which transforms to the rotated cube orientation, {100}͗011͘, in the ferrite. When the rolling is conducted in the unrecrystallized austenite region, a strong rolling texture develops in the austenite. Upon transformation, these orientations are transformed to {332}͗113͘, {113}͗110͘ and {111}͗110͘ components. Recently, Ruiz-Aparicio et al. 8) and Yim et al. 9) found that the resultant texture in ultra-low carbon steels can be strongly dependent on the initial austenitic grain size and the amount of deformation applied in the fully recrystallized austenite region (i.e. higher temperatures). When both of these are large, the ferritic texture is concentrated around the {111} gamma fiber, all other components having a low intensity.
It has been long recognized that strong {111} and weak {100} intensity components parallel to the sheet plane produce good formability. 10) Many studies have been directed towards enhancing the g-fiber texture, and hot rolling in the ferritic region has been introduced as an effective processing procedure. [11] [12] [13] [14] [15] [16] Finishing rolling in the a-region for a given steel chemistry, slab reheating temperature and coiling temperature can produce ultra-low carbon steels with strong {111} textures and, therefore, high average strain ratio r values.
It has been suggested that the grain structure and texture present in hot bands have an effect on the nature and strength of the texture in cold rolled and annealed steels. [17] [18] [19] The cold rolling textures are typically composed of a partial alpha fiber and a complete gamma fiber, which were shown to be identical regardless of composition and thermomechanical processing. 19) It is well known that the annealing texture with strong g-fiber components is developed by the recrystallization of cold rolled sheet steels during annealing, while the intensity of the detrimental rotated cube component is drastically reduced. [20] [21] [22] [23] Most of this work has been done by deforming steels solely in the austenitic temperature region. The present work studies the effect of ferritic hot rolling on the evolution of crystallographic orientation in Ti and TiϩNb alloyed ULC steels during hot deformation and coiling as well as during subsequent cold rolling and annealing. The experimental steels were processed to yield an extra large austenitic grain size during reheating, which combined with high reductions per pass are expected to produce mainly gamma fiber intensities in the hot bands that have been subjected to deformation in the austenitic region only.
Experimental Procedure

Materials and Processing
The three steels studied in this work were vacuum induction melted laboratory ingots, the chemical composition of which is given in Table 1 . Steels 1 and 2 are alloyed with Ti and Nb, whereas steel 3 has Ti only. According to the stabilization maps developed by Hua et al., 24) steel 1 is fully stabilized with respect to carbon, whereas, under equilibrium, steels 2 and 3 are expected to have some carbon in solution, see Table 2 . Most of the carbon is tied in MC (MϭNb and/or Ti) and Ti 4 C 2 S 2 precipitates. It can be seen in Table  2 that, under equilibrium, steel 1 has over half of its Nb content and one fourth of its Ti content in solution, whereas in steels 2 and 3 all Nb and Ti are tied in precipitates. The volume fraction of MC is highest in steel 2 and about equal in steels 1 and 3.
The as-cast ingots were austenitized at 1 050°C for 1 h. Three different thermomechanical treatments were employed, Fig. 1 . The first one comprised of rough rolling with a single pass reduction of 50 % at the target temperature of 1 050°C and finish rolling at 920°C also with a 50 % reduction (TMP1). The second treatment was similar to TMP1, except that finishing with a 50 % reduction was performed at 870°C to simulate hot rolling in the high temperature ferritic region (TMP2). In TMP3, the steels were hot rolled with 50 % reductions at 920°C and 800°C. After hot rolling the strips were water cooled to the coiling temperature of 700°C, followed by cooling in a furnace at a cooling rate of 29°C/h to simulate the industrial coiling process. Since the actual temperatures of rolling were lower than the target temperatures in several instances, they are given in Table 3 . According to dilatometer measurements performed elsewhere 25) the phase transformation temperature, Ar 3 , is 911°C in steels 1 and 3, and 907°C in steel 2. No lubrication was used during the hot rolling.
The hot bands were cold rolled with 80 % reduction to a final thickness of 1.25 mm using a laboratory cold rolling mill. The total number of passes to reach this thickness was 15. Small specimens with dimensions of 20ϫ120 mm were annealed in a continuous annealing line (CAL) simulator to imitate the industrial annealing practice. The annealing temperature was 820°C, the annealing time being 78 s.
Metallographic Analysis
Standard metallographic procedures were employed to prepare samples for optical microscopy in the hot rolled RHTϭreheating temperature, RTϭrough rolling temperature, FTϭfinish rolling temperature. and coiled, as well as in the cold rolled and annealed conditions. The grain size was evaluated by a computer-controlled Bioquant IV image analyzer with a minimum of 200 grains per measurement. To determine whether the ferrite was recrystallized after the hot rolling and coiling as well as after the cold rolling and annealing, microhardness measurements were performed on the interior of ten ferritic grains for each condition with a load of 25 g and a loading time of 10 s. Texture measurements were conducted after hot rolling and coiling, cold rolling, and annealing by X-ray diffraction using a Philips X'PERT system with an open cradle goniometer and Cu Ka radiation. Orientation distribution functions (ODF) of the global structure were calculated using popLA algorithm based on the series expansion method proposed by Bunge 26) from three incomplete pole figures of {200}, {110}, and {211}, which were measured up to an azimuth of 85°. Experimental background and defocusing corrections were applied by measuring the texture of a pure iron random sample. To illustrate the presence of various textures, so-called skeleton plots were constructed from the ODF data. These plots describe the preferred crystallographic orientations in the rolling direction (RD//͗110͘, afiber), normal direction (ND//͗111͘, g-fiber) and transverse direction (TD//͗110͘, e-fiber). Specimens for these measurements were taken from the center thickness and away from the edges to avoid possible surface effects and strain gradients.
Formability Tests
The average strain ratio, r, was determined by tensile test according to ASTM Standard E-517. 27) Because of material limitations sub size specimens with a gage length of 25 mm and a width of 6mm were used.
Results
Microstructure and Hardness ∑ Hot Rolled and Coiled Condition
The optical micrographs after the three different thermomechanical treatments are given in Fig. 2 . It is evident that hot rolling in the austenite region (TMP1) resulted in the formation of equiaxed ferrite in steels 2 and 3, whereas steel 1 has a heterogeneous grain structure with small grains embedded in large grains. The heterogeneous structure in this steel is probably a result of slight ferritic rolling. According to Table 3 , the last rolling pass was given at 916°C which is very close to the Ar 3 temperature of 911°C. It is then possible that some ferrite had already formed in this steel before the rolling was completed. Finishing in the ferritic region yielded equiaxed ferrite only in steel 3, whereas steel 1 has large elongated grains and steel 2 has a mixture of equiaxed and elongated grains. The majority of grains in steel 2 are elongated after TMP2, whereas most of the grains are equiaxed after TMP3. The elongated grains are noticeably smaller in steel 2 than in steel 1. Table 4 shows the microhardness data, as measured on the equiaxed and elongated grains. Low hardness values were obtained for all steels after TMP1, indicating that the dislocation density in this condition is low. The equiaxed grains, when present after ferritic rolling and coiling, also have low hard- ness, whereas the hardness in the elongated grains is considerably higher. Based on the grain structure and hardness data, it can be concluded that ferritic rolling at the temperatures employed in this work yields unrecrystallized ferrite in steel 1 and a mixture of recrystallized and unrecrystallized ferrite in steel 2. In steel 3, which is alloyed with Ti only, the ferrite is fully recrystallized. ∑ Cold Rolled and Annealed Condition The optical micrographs in Fig. 3 show that after cold rolling and annealing there are more equiaxed grains present than after hot rolling and coiling. There are distinct differences in the grain size and morphology between the three steels and the different thermomechanical treatments. For TMP1 and TMP2, steel 1 seems to have small equiaxed grains embedded in very large grains. Steel 2 has elongated grains separated by high angle boundaries. There seems to be a mixture of small and large grains in steel 3 for all conditions. The grain size and microhardness of the cold rolled and annealed steels are given in Fig. 4 . Ti alloyed steel 3 has a considerably larger grain size than steel 2. Because of large differences in the sizes of the grains in steel 1, it was not possible to reliably measure the grain size in this steel. Steel 3 has the lowest hardness within the grains, whereas steel 1 has the highest.
Texture ∑ Hot Rolled and Coiled Condition
The skeleton diagrams of Fig. 5 show the texture intensities of steels 1 to 3 in the a-, g-and e-fibers. When the rolling is conducted in the austenite region, TMP1, the most prominent texture intensity is along the g-fiber. All other texture intensities are quite low. The presence of {001}͗110͘ component with a low intensity can be observed especially in steel 2. In this steel the peak in the a-fiber is broad and extends towards {223}͗110͘ and {112}͗110͘. In e-fiber the peak extends towards {554}͗225͘ and {332}͗113͘. The strong presence of the {111} components in g-fiber is in agreement with the results of RuizAparicio et al. 28) and Yim et al. 9) who studied Nb/Ti and Ti alloyed steels after similar casting and hot rolling schedules as used in this work. The origin of this texture is assumed to be the {110}͗100͘ Goss component in deformed austenite, favored by the presence of shear bands created in the large austenitic grains by heavy reductions. Ruiz-Aparizio et al. also found the presence of a weak {001}͗110͘ component, especially when the austenite was recrystallized before phase transformation to ferrite. The presence of this texture component especially in steel 2, although its intensity is low, indicates that some of the austenite may have re-crystallized after hot deformation at 920°C before transforming to ferrite. On the other hand, the presence of intensities to the left of {111}͗110͘ in the a-fiber and {332}͗113͘ in the e-fiber gives evidence for unrecrystallized austenite before phase transformation.
When the second pass is performed in the upper ferritic region, TMP2, the {111} intensities in the g-fiber are high in steels 1 and 2. In a-fiber, the textures in these steels stretch from {001}͗110͘ to {111}͗110͘ with strong {001} ͗110͘ and {111}͗110͘ components. The intensities of {554} ͗225͘ in e-fiber are also high. In contrast, all these intensities in steel 3 are rather low. When the second pass is performed in the lower ferritic region, TMP3, the results are qualitatively similar in steel 1 to those obtained after TMP2 with a strong {111} intensity in the g-fiber. The peak in the a-fiber is shifted towards {223}͗110͘ when compared to the location of this peak after TMP2. The {001}͗110͘ intensity in a-fiber is also high. Steels 2 and 3 show a considerably different behavior. The {111} intensities along the gfiber are low and the peak in a-fiber is at {223}͗110͘, while in the e-fiber the peak is broad and centered around {554} ͗225͘. The shift of the peak towards {223}͗110͘ in the afiber is a typical end result of ferritic rolling, since this intensity is quite stable.
29) The intensity of the rotated cube component is at the level of the random background intensity.
The increase in texture intensity when rolling is conducted in the ferritic region compared to rolling in the austenite region is in agreement with the results of Butron-Guillen et al., 16) although their intensity distributions are quite different. In the present study the highest intensities in the afiber are at or close to {111}͗110͘, whereas Butron-Guillen et al. found the highest peaks further to the left. These differences can be explained by the evolution of orientation in austenite. In the present work the heavy deformation of austenite with a large grain size favored the formation of a strong {111} orientation in ferrite. Also, in the work of Butron-Guillen et al. the ferritic hot rolling resulted in un-
recrystallized ferrite, whereas in the present case the ferrite was completely unrecrystallized only in steel 1, partially recrystallized in steel 2 and fully recrystallized in steel 3.
The intensity of the {111}͗110͘ and {001}͗110͘ texture components seem to correlate with the degree of recrystallization of ferrite. When the ferritic grains were mainly unrecrystallized, high intensities of {111}͗110͘ and {001} ͗110͘ were obtained (steel 1: TMP2 and 3, steel 2: TMP2). When the ferritic rolling yielded mainly recrystallized ferrite, the {111}͗110͘ intensity was low (steel 2: TMP3, steel 3: TMP2 and 3). When the steels were mainly recrystallized after ferritic rolling, the detrimental rotated cube component, {001}͗110͘, was practically nonexistent (steels 2 and 3: TMP3).
The {100}͗110͘ intensity in the hot bands can originate from the recrystallized austenite and/or from the deformed ferrite. For TMP3, where mainly unrecrystallized austenite should be present before phase transformation, this intensity is hence from deformed ferrite. If no recovery and recrystallization takes place during cooling and coiling, the {100}͗110͘ component is retained in the hot bands (steel 1), whereas recrystallization has eliminated this component in steels 2 and 3. In TPM2 the rough rolling was conducted at a relatively high temperature allowing austenite to recrystallize before phase transformation. The {001}͗110͘ intensity derived from recrystallized austenite would superimpose with the {001}͗110͘ intensity generated by ferritic rolling, leading to high levels of this texture component in the hot bands of steels 1 and 2. In steel 3, alloyed with Ti only, extensive recrystallization of ferrite during cooling and coiling has taken place leaving behind the {001}͗110͘ component generated by recrystallized austenite only. ∑ Cold Rolled Condition Figure 6 shows that cold rolling produces similar texture patterns for all steels independent of the differences in the earlier treatments in accordance with the findings of RuizAparicio et al. 8) This observation is interesting since in the present case the steels were also hot rolled in the ferritic temperature region creating a variety of microstructures and crystallographic orientations in the hot bands. Cold working with a high total reduction (80 %) seems to eliminate these differences. In a-fiber the intensity extends from {001}͗110͘ to {111}͗110͘ with the main component being in the vicinity of {445}͗110͘ and with a drop in the intensity around {114}͗110͘. The orientation with maximum intensity has clearly shifted from {111}͗110͘ towards {223}͗110͘ in cold rolling in accordance with Toth et al. 29) who suggested that the {112} ͗110͘, {445}͗110͘ and {223} ͗110͘ in the RD fiber have the highest stability in ferritic rolling. This is also in accordance with the findings of Inagaki et al. 30) who found that the {111}͗110͘ component can rotate about 5°along the RD fiber to the vicinity of {445}͗110͘. In the g-fiber the textures stretch from {111} ͗011͘, which is the strongest component, to {111}͗112͘. The {111}͗011͘ orientation is known to be the stable end orientation in ferritic rolling at high reductions so that the intensity of this orientation grows at the expense of the intensities of other {111} orientations. 31) In the TD fiber the highest intensity is at {111}͗112͘, which is known to be the most stable orientation in this fiber. 29) According to Toth et al. 29 ) the {001}͗110͘ component is inherited from the hot band and its intensity increases with deformation. In the present study the {001}͗110͘ component is present after cold rolling even when its intensity in the hot bands was only at the level of random intensity (e.g. steels 2 and 3: TMP3). This would suggest that the {001} ͗110͘ orientation is developed by cold deformation regardless of the starting condition. Cold deformation increased this intensity practically to the same level in all steels studied despite of the level of this intensity in the hot bands. ∑ Cold Rolled and Annealed Condition According to Fig. 7 annealing at 820°C eliminates the afiber intensities to the left of {223}͗110͘, which were very prominent after cold rolling. The intensity peaks are centered at {111}͗110͘, in agreement with results found in other studies. 19, 32) The textures in g-fiber stretch from {111}͗011͘ to {111}͗112͘, with a strong {111}͗112͘ component especially in steel 2. Ruiz-Aparicio et al. 19) found an increase in the {111}͗112͘ intensity at the expense of the {111}͗110͘ component when the annealing temperature was 860°C. It was suggested that {111}͗112͘ develops as the main component in the g -fiber when the material is hot deformed in the pancake region of the austenite. The present study would suggest that {111}͗112͘ develops regardless of whether the austenite is recrystallized or not before phase transformation. On the other hand, the {111}͗112͘ component is a typical component of annealing texture in steels, and an increase in its intensity indicates that the material has reached a more complete state of recrystallization. Comparison of the micrographs of Fig. 3 to the height of the {111}͗112͘ component in the g -fiber substantiates this point. In the e -fiber, the intensities are centered at {111}͗112͘ and {554}͗225͘.
Formability
It is well established that r values increase with the {111}͗110͘/{001}͗110͘ intensity ratio. Since the intensity of {001}͗110͘ was very low or at the level of random intensity in the annealed condition, the average strain ratio in the present case is plotted against the {111}͗110͘ intensity, see Fig. 8 . In general, the r values increase when this texture intensity increases. It is interesting to note that the r values in Nb alloyed steels 1 and 2 fall on the same line whereas they are lower in the Ti alloyed steel 3 at the same {111}͗110͘ intensity levels. Another feature of interest is the systematic difference in the r values and the intensity of this orientation between steels 1 and 2, both of which are alloyed with Nb and Ti. It is evident that lower amounts of Nb and Ti in steel 2 than in steel 1 are responsible for the higher {111}͗110͘ intensities and higher r values.
Discussion
Several studies have suggested that the nature and strength of the texture in cold rolled and annealed steels are influenced by the texture developed in the hot bands. In the present study the main texture in the hot bands comprised of the complete g-fiber. Hot deformation in the ferrite region introduced a partial a fiber including the detrimental rotated cube, {001}͗110͘, component especially in the Nb bearing steels. In the annealed condition there was a complete g-fiber stretching from {111}͗110͘ to {111}͗112͘. The {001}͗110͘ component found in the hot rolled and coiled, and in the cold worked steels was no longer present. To determine whether the {111}͗110͘ intensity in the hot rolled and coiled steels has a correlation with this intensity in the cold rolled, and cold rolled and annealed conditions, the graphs shown in Fig. 9 were plotted. The correlation coefficients for the data points were also calculated. With two exceptions, no good correlations were obtained. A high intensity of {111}͗110͘ texture component in the hot bands did not necessarily generate a high intensity in the cold rolled and annealed steels. Also, if the intensity was low in the hot rolled and coiled steels, it was not necessarily low in the cold rolled and annealed condition. It is evident, though, that cold working increases this intensity strongly for all steels studied and for all combinations of processing. There was also no direct correlation in this intensity between the cold worked and annealed conditions.
The correlation of the intensity of the rotated cube component, {001}͗110͘, between the hot rolled and coiled, and the cold rolled steels was similarly studied. Also here, no direct correlations were found. However, cold rolling caused a strong increase in this texture component. Subsequent annealing, however, practically eliminated it in all steels regardless of the prior thermomechanical treatment.
The relation between the average strain ratio, r , and the {111}͗110͘ intensity, presented in Fig. 8 , shows that the r values increase with increasing {111}͗110͘ intensity in all steels studied. There is a systematic difference in the r values and this intensity between the two Nb and Ti alloyed steels. Steel 1 with a higher Nb and Ti content than steel 2 has lower r values, even though its carbon content is lower, and lower carbon content is generally associated with higher r values. Similarly to the Nb and Ti alloyed steels, the r values increase with increasing {111}͗110͘ intensity in the Ti alloyed steel. However, for a given intensity the r values are higher in the Nb and Ti alloyed steels than in the steel alloyed with Ti only.
According to the micrographs in Fig. 3 and the hardness data in Fig. 4 , steel 3 appears to have recrystallized during annealing at 820°C, whereas steels 1 and 2 seem to have undergone only partial recrystallization. The microhardness of steel 3 in the cold rolled and annealed condition is at the same level as in the equiaxad recrystallized grains after hot rolling and coiling. The microhardnesses of steels 1 and 2 in the cold rolled and annealed condition are, instead, considerably higher than those measured on the equiaxed recrystallized grains after hot rolling and coiling. This fact could be regarded as an evidence of higher dislocation density and hence indicative of partial recrystallization of steels 1 and 2 during the annealing treatment applied in this work. These observations are in agreement with the results of Ruiz-Aparicio et al. 19) who by studying the microstructures of similar steels under the transmission electron microscope, found out that the substructures were not totally recrystallized during annealing at temperatures up to 860°C. They also found that the steel alloyed with Ti showed a more advanced state of recrystallization than the TiϩNb alloyed steel for a given annealing temperature. It is well Texture intensities of a-, g-and e-fibers of steel 1 (upper row), steel 2 (middle row) and steel 3 (lower row) in the cold rolled and annealed condition. Note the differences in the intensity scale. Fig. 8 . The average strain ratio, r, as a function of the {111} ͗110͘ intensity for the experimental steels in the annealed condition. The numbers in the chart refer to the thermomechanical treatments TMP1, TMP2 and TMP3.
known that Nb, whether in solution or tied in precipitates, suppresses recrystallization processes in both austenite and ferrite. Since the volume fraction of MC precipitates is about equal in steels 1 and 3, and the recovery seems to be much slower in steel 1, it is evident that the retardation of recrystallization is caused mainly by solute Nb and Ti. This observation is further substantiated by the fact that although steel 2 has higher amount of MC precipitates than steel 1, it has recovered to a greater extent. Also, steels 2 and 3 have no Nb and Ti in solution, and the recrystallization in these steels has advanced to a greater level than in steel 1 which has substantial amounts of these elements in solid solution.
Since the development of texture is dependent on the development of recovery and recrystallization during annealing, these phenomena should be considered simultaneously. If the recrystallization of ferrite is progressively retarded by increasing contents of Nb, the development of texture during annealing is also retarded. 33) It is well known that a strong texture in the g-fiber extending from {111}͗110͘ to {111}͗112͘ is developed by the recrystallization of ferrite during annealing. 34, 35) The high intensities in the g-fiber of steels 2 and 3 in the annealed condition can be explained by the highly developed state of recrystallization, whereas steel 1 with a high Nb content has a low {111} intensity because of a less advanced state of recrystallization. It can hence be assumed that annealing at higher temperatures than 820°C would result in a more complete state of recrystallization and hence higher intensities of the {111} components and higher r values in steels with high Nb contents.
It is interesting to note that the intensity of {111}͗110͘ texture component especially in steel 1 decreases in annealing when compared to this intensity in the cold rolled condition. A usual observation is that the g-fiber intensity is higher after annealing than after cold rolling. 35) It has been suggested that during recrystallization, the a-fiber intensities rotate around the ͗110͘ axis with the result that they will eventually contribute to the g-fiber intensity. They will superimpose with the {111} intensities in the g-fiber which rotate around the ͗111͘ axis during recrystallization. The end result is that the g-fiber intensities increase during recrystallization and, therefore, are at a higher level in the annealed steels than in the cold rolled steels. In the present study, the cold rolled steels had high g-fiber intensities, and the maximum intensity in the a-fiber was closer to {111} ͗110͘ than in the studies referred to above. If the steels were recrystallized to a great extent during annealing, the {111} ͗110͘ intensities were higher than in the cold rolled steels (steel 3), whereas partial recrystallization lead to lower levels than in the cold rolled condition (steels 1 and 2). This observation suggests that during early stages of recrystallization the g-fiber intensities in the present steels decrease and start increasing when the recrystallization is well advanced. It is known that during annealing of the deformed ferrite, the grains with g-fiber intensities, having high stored energy, are likely to recrystallize early at a high rate. 34, 35) The grains with the rotated cube orientation, {001}͗110͘, are quite stable and are consumed only during the later stages of recrystallization. The absence of the {001}͗110͘ components in the annealed steels, having been very prominent after the cold rolling, indicates that the ferrite has undergone extensive recovery and recrystallization, removing this orientation during annealing.
As shown in Fig. 8 , the Nb and Ti bearing steel 2 has higher r values than steel 3 at the same {111}͗110͘ intensity levels. Both these steels showed a high degree of recrystallization. Figure 4 shows that steel 3, which has Ti only, has a larger average grain size than steel 2 for a given thermomechanical treatment. Especially in TMP 2 and 3 some large grains were present. The difference in r values between these two steels suggests that it is not only necessary to get as high a {111} intensity as possible to achieve high average strain ratios, but it is important that the steel has a small grain size and a uniform grain structure as well. It has been proposed that grain growth during annealing is beneficial since it increases the volume fraction of grains with the {111} texture, leading to higher r values.
36) The present work indicates that high r values can be obtained at the same intensity levels of this texture component if the grain growth is inhibited by suitable addition of microalloying elements.
Several studies have suggested that the grain structure developed in the hot rolled and coiled condition has an effect on the nature and strength of the texture in cold rolled and annealed steels. 17, 18) The microstructure in the ferritically hot rolled steels is determined, among other things, by recovery and recrystallization during cooling and coiling. Figure 2 showed that especially in steel 1, which as a high Nb content, the deformed ferrite remained unrecrystallized in the hot rolled and coiled condition. It was further found that high intensities of the {111}͗110͘ and {001}͗110͘ tex- ture components were obtained for steels with an unrecrystallized ferritic structure. In the case of a more complete recrystallization, the {111}͗110͘ intensities were lower, and the {001}͗110͘ component was practically at the level of random orientation. Comparison of Figs. 5 and 6 indicates that the cold rolled steels show a similar texture pattern as the steels with unrecrystallized ferritic structure in the hot rolled and coiled condition. It seems that similar texture patterns are obtained regardless of whether the steel is deformed by hot rolling or cold rolling. If the substructure of the ferritically hot rolled and coiled steels has recrystallized to a great extent, the main texture component is a complete g-fiber, all other components being practically at the level of the random intensity. Comparison to Fig. 7 shows that qualitatively similar textures are obtained for the cold rolled and annealed steels, which have undergone extensive recovery and recrystallization. It then seems that it is the recovery and recrystallization processes that, to a great extent, determine the evolution of the microstructure and texture in the hot rolled and coiled steels as well as in the cold rolled and annealed steels.
Conclusions
The following general conclusions based on the results of this work on the ferritically hot deformed Nb and Ti alloyed ULC steels can be drawn.
(1) Highest average strain ratio, r in the cold rolled and annealed condition was obtained when the {111}͗110͘ texture intensity was high and the final grain size was small and uniform.
(2) To obtain a high {111}͗110͘ texture intensity and a small uniform grain size in the cold rolled and annealed condition, the annealing must result in the generation of a well developed recrystallized ferrite.
(3) Partial recrystallization of the cold deformed ferrite lead to low levels of the {111}͗110͘ texture intensity and low r values.
(4) No direct correlation was observed between the {111}͗110͘ intensities in the hot rolled and coiled, cold rolled, and cold rolled and annealed steels. The same applies to the {001}͗110͘ intensities in the hot rolled and coiled, and cold rolled steels.
(5) The results of this work suggest that it is primarily the recovery and recrystallization, and subsequent grain growth during annealing that determine the final microstructure and the final texture intensity.
(6) Ferritic hot rolling seems to be beneficial only if it contributes to the development of a strong intensity of the g-fiber texture and a uniform and small grain size during annealing. The following specific conclusions on the steels studied in this work can be made.
(1) Adding a small amount of Nb (100 ppm) to the Ti alloyed ULC steel increased the r values in the annealed condition by about 15 % at the same {111}͗110͘ intensity levels. This increase is attributed to the grain refining effect of Nb. (2) Increasing the Nb content further to 210 ppm decreased the r values by lowering the {111}͗110͘ intensity and by generating a heterogeneous grain structure. This decrease was caused by the retarded recrystallization due to solute Nb. (3) Annealing at 820°C can result in incomplete recrystallization in steels with high Nb contents. (4) Hot deformation of Nb and Ti alloyed steels at a high temperature (870°C) in the ferritic region leads to higher {111}͗110͘ intensities and higher r values in the annealed condition than hot deformation at a low temperature (800°C).
